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Abstract 

The strength and ductility of polycrystalline scandium have been 

studied as a function of hydrogen concentration and test temperature. The 

effects of hydrogen on the mechanical behavior of scandium are discussed in 

terms of current embrittlement concepts for hydride forming metals. 

Hydrogen concentrations ranging from 0.20 to 20.83 atomic percent and 

temperatures from 78 to 473K were employed in this investigation. SEM 

fractographs are shown to illustrate the modes of tensil e fai lure . 
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I would like to dedicate this work to my mother, and to my father who 
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PART I. MECHANICAL PROPERTIES OF SCANDIUM 
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INTRODUCTION 

The hexagonal close packed (HCP) metal scandium is chemically simi-

1 ar to and is generally included with the rare earth metals. It is the 

first transition metal in the periodic table. Even though scandium is the 

thirty-sixth most abundant element (1), it has not found industrial ap-

plication as have lead, molybdenum and antimony which are less abundant. 

The reason for this dearth of commercial markets is that scandium is 

dispersed in quantities less than 100 parts per million throughout the 

earth's crust. Most of the scandium consumed in the world is derived from 

uranium tailings where the concentrations are quite small, less than 

1000 parts per million (1, p. 66). Because it is difficult to concen-

trate scandium ore and then to extract and purify the metal, scandium has 

been used primarily in research . 

Mechanical property data on relatively pure scandium has been con-

fined primarily to hardness measurements (2,3). Geiselman (4) and Soko-

lov et al. (5) have measured its yield strength, ultimate strength and 

ductility as functions of strain rate and temperature. Discrepancies in 

the mechanical property data reported by Geiselman and Sokolov are evi-

dent and, probably, attributable to impurity effects. The scandium 

available at the Ames Laboratory is purer, and since tensile samples were 

being prepared for other purposes, it seemed appropriate to investigate 

the mechanical properties of the 11 pure 11 scandium metal. 
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MATERIALS AND SAMPLE PREPARATION 

Scandium used in this investigation was prepared at the Ames 

Laboratory by the calcium reduction of scandium fluoride in a tantalum 

crucible (6). The as-cast material was arc-melted, under purified argon, 

into finger-shaped ingots which were encapsulated in stainless steel 

tubing while under an argon atmosphere. The jacketed fingers were re-

duced to rods having a diameter of 0.64 cm by swaging at 853 K. After 

the jackets were removed mechanically, the rods were further reduced to 

a diameter of 0.51 cm by swaging at room temperature. The cold-worked rods 

were chemically cleaned, electropolished in a 6% perchloric acid 94% 

methanol electrolyte maintained at 200 K, and annealed for 1 hr at 

1023 K under a vacuum of 1.35 x 10-5 Pa . The rods were then reduced to a 

final diameter of 0.26 cm by a series of room temperature swaging reduc-

tions of approximately 30% each followed by intermediate cleaning, elec-

tropolishing and vacuum annealing for 45 min at 1023 K. Subsequently, 

the rods were cut to 5 cm length and a 2.54 cm gage length of diameter 

0.2 cm was machined in each by centerless grinding. Tool marks were 

removed from the machined tensile specimens by a final electropolish. 

Annealing of the specimens was carried-out in vacuum for 120 min at 

1023 K. A number of specimens annealed at 1023 K were wrapped in 

zirconium sheet and sealed in a quartz tube under vacuum for further 

heat- treatment designed to increase the grain size. Thennal treatment 

consisted of placing the quartz tubes in a furnace maintained at 1130 K 

for 135 min before furnace cooling. Grain size determinations were 
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performed on several samples using the intercept method described by 

Hilliard (7). The results showed uniform equiaxed grains with an average 

diameter of 80 µm for the first heat-treatment, while the second heat-

treatment produced grains of varying size, with an average diameter of 

140 µm. Chemical analyses of the scandium used in this investigation 

and the scandium used by Geiselman (4) and Sokolov et al. (5) are given 

in Table 1. 



Table 1. Chemi ca l composition of scandiuma, ppm by weight 

H 0 N c Al Si Fe Cu R. E. b Othersc 

Ames Lab 15 152 16 99 <10 <10 <40 <20 <60 <5 
Scandium (48 ± 8 )d (140 ± 52) d (7±4)d 

Sokolov e 

Geiselman f 200 4000 100 

aAnalysis of as-received metal. H, N, and 0 by vacuum fusion; C by combustion; others 
spectrographic methods. 

bAll rare-earth elements combined. 
cOther elements less than 5 ppm by weight each. 
dAnalyzed after testing. Average values of 20 samples. 
eClaimed 99.99 percent purity, but no analysis given. 
f Only interstitials are reported. 

(Jl 
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EXPERIMENTAL PROCEDURE 

Tensile tests were done on a 44 . 5 KN capacity Instron TT- C tensile 

machine. A stainless steel cage assembly attached beneath the lower 

cross- head of the tensile machine allowed test temperatures to be at-

tained by immersing the assembly in suitable constant temperature baths. 

Subambient test temperatures were achieved by using a liquid i sopentane 

bath cooled by a liquid nitrogen heat exchanger. In order to avoid tem-

perature gradients within the bath, nitrogen was allowed to bubble con-

tinuously. A stirred silicon oil bath heated by an immersion heating 

coil was used for temperatures of 373 Kand 473 K. Temperatures were 

maintained to ±2 K, as recorded by a thermocouple attached to the 

testing cage at a position 1 cm from the center of the specimen. 

True stress- true strain curves and strain rate sensitivity data 

were obtained from load-elongation curves. The yield strength in all 

cases was obtained from the 0.2% offset stress after correcting for ma-

chine deflection. The strain rate employed during tensile testing was 
-5 -1 3.33 x 10 sec . Duplicate tests were made on the 80 µm grain size 

tensile specimens whereas only single tests were made on the 140 µm 

grain size material. The strain rate sensitivity measurements were made 

by changing the cross-head speed cyclically between values corresponding 

to 3.33 x 10- 5 sec- l and 3. 33 x 10-3 sec-1. 

True s tress and true strain were calculated from the load-elongation 

curves us ing the following relations, 



e = (.e.- .e. 0 )/.e. 0 

where e = engineering strain 

.e. = final gage length 

.e. 0= initial gage length 

o = PI A ( e+ 1 ) 

where o = true stress 
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P = appl ied load as read from a load-elongation curve 

A = initial cross-sectional area 

e = engineering strain 

e: = ln(e+l) 

where e: = true strain 

e = engineering strain. 

( 1 ) 

(2) 

(3) 

The strain rate sensitivity parameter 'm' was calculated from mea-

sured changes in flow stress, brought about by changes in strain rate 

at constant temperature and strain using the equation 

m = log{P2/P1 )/109(~2/~ 1 ) 

where P =applied load 

e: = strain rate 

( 4) 
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In the above expression only changes in l oad were t aken into account 

instead of stress, because the cross-sectional area does not change 

during an instantaneous strain rate change at constant strain. 

For a single thermally activated mechanism, the activation volume V 

is given by 

v = kT(aln~/aT)T 

where k = Bol tzman constant 

T = absolute temperature 

E = strain rate 

T = shear stress. 

( 5 ) 

However in order to apply the above relationship to polycrystalline data, 

true stress has to be related to shear stress by the relationship 

T = a/M (6) 

where T = shear stress 

a = true s tress 

M = average Taylor factor. 

Since there is no general agreement on the correct Taylor factor for 

hexagonal close packed structures, the activation volume referred to 
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* in this investigation wi l l be a pseudo act ivation vol ume V given by 

( 7) 
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EXPERIMENTAL RESULTS 

Stress-Strain Characteristics 

True stress-true strain curves for 80 µm and 140 µm grain size 

scandium specimens are shown in Figs. 1 and 2, respectively. There was 

no indi cation of a discontinuous yield point or serrated stress-strain 

behavior and none of the specimens necked significantly or exhibited 

macroscopic flow localization at any temperature in the range of tempera-

tures examined . The curves shown in Figs. 1 and 2 are only plotted to 

max imum load; however, beyond maximum load only a small amount of unload-

ing occurred before fracture . A representative load-elongation curve 

illustrating this point is shown in Fig . 3. 

Comparison of curves for the same test temperature in Figs. 1 and 2 

reveals that grain size had little effect on the stress-strain behavior 

of scandium. More precisely, however, there was no grain size effect at 

78 Kor 373 K while the 140 µm material exhibited higher stress values 

at all strains at 200 Kand lower stress values at all strains at 295 K. 

Log true stress versus log true strain plots for 80 µm and 140 µm 

grain size scandium specimens are presented in Figs. 4 and 5, respective-

ly. In these figures total strain is indicated because it was impossi-

ble to detennine the elastic region accurately. Two distinctly different 

regions of behavior are noticeable with the transition occurring at 

a strain of about 0.01 at all temperatures except 78 K, where the change 

occurs at 0. 03 strain. In the upper strain region shown in Figs. 4 and 5, 
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it is possibl e t o represent t he stress-strain behavior by a rel ation-
n ship of the form (a-at) = K(E-et) , where ot and Et represent the true 

stress and true strain at a true strain of 0.03, K is the strength coef-

ficient and n is the work hardening exponent for t hat particular region. 

However, no simple relation or combination of simple relations can 

describe the stress-strain behavior over the full plastic range. The 

strain hardening exponents obtained from the slopes of the upper strain 

region are shown as a function of temperature in Fig. 6. The average 

values show a slight decrease in strain hardening rate with increasing 

test temperature above 373 K. 

Temperature Dependence of the Flow Stress 

The flow stress of scandium at several plastic strains is shown 

as a function of test temperature in Figs. 7 and 8. The flow stress at 

lower strains shows a small degree of temperature dependence, whereas 

at higher strains the flow stress increased at a faster rate with de-

creasing temperature. In previous studies of rare earth elements (8,9, 

10,11 , 12) the temperature dependence of the flow stress was characterized 

by the fol l owing relation 

o(E) = a8exp (- BT) (8) 

where o(e) = true stress at a given stain. 



17 

:c 
~ z w 0.4 z 
0 a.. x w 0.3 
(.!) z 
z w 0.2 0 
0:: 
<t 1:,. AVG. VALUE I 
z 0.1 • AVG. GRAIN SIZE~ 80 µ.m 
<t 
0:: x AVG. GRAIN SIZE:l40 µ.m 
~ 
Cf) 0.0 

0 100 200 300 400 500 
TEST TEMPERATURE K 

Fig . 6. Temperature dependence of the strain hardening exponents for 
80 ).ll11 and 140 µm grain sizes 



18 

200 GRAIN SIZE: 80 µ.m 

0 --~~_.__~~--'-~~--''--~~....._~~----'-~~--' 
0 100 200 300 400 500 

TEST TEMPERATURE K 
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From Fig . 9, where the log of flow stress is plotted as a function 

of temperature for 80 µm grain size material. it may be seen that the 

flow stress exhibits a single exponential temperature dependence be-

tween 78 K and 373 K at strains of 0.002 and 0.005. A change to a lower 

slope occurs between 300 K and 400 K. At higher strains there appears 

to be a change to a stronger temperature dependence near 175 K to 200 K 

and the very low temperature dependence observed at low strains either 

does not exist or it occurs at temperatures above 473 K. 

The log of flow stress versus temperature for 140 µm grain size 

material is plotted in Fig . 10. A single exponential temperature behav-

ior is evident between 78 K and 300 K and a change to a lower slope 

occurs between 300 K and 400 K. 

Metallographic investigation of longitudinally sectioned fractured 

specimens failed to reveal any unsual effect of grain size. Twinning 

was observed at all temperatures but the density of twins decreased with 

increasing temperature . In general the twin morphology was lenticular 

but a few sheaf-like patches of what appear to be twins are observed 

in samples tested at 373 Kand higher as shown in Fig . 11. In addition, 

uni formly distributed voids were formed in the gage section at all 

temperatures tested. Near the fracture surface the density of voids 

increased. 

Strain-Rate Dependence 

Strain-rate changes were performed at five temperatures using 
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78 K 150X 

373 K 150X 

Fig. 11. Photomicrograph illustrating the change of defo rmat ion 
twins from lenticular at 78 K to sheaf-like patches at 
373 K. Arrows indicate sheaf-like patches . Note this 
change was only partial. (As electropolished in 6% 
perchloric acid 94% methanol at 200 K, polarized light) 
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140 µm grain size specimens. The strain rate sensitivity parameter, 'm', 

was determined by changing the strain rate by pushbutton control between 

the stra in rates of 3.33 x 10-5 sec-l and 3.33 x 10- 3 sec-l approx-

imately every 1 percent strain during the course of a tensile test. The 

rate sensitivity parameter is plotted as a function of strain in Fi g. 12. 

At strains greater than 0.06 the rate sensitivity is virtually indepen-

dent of strain except at 295 K. The temperature dependence of the rate 

sensitivity at true strains of 0.04 and 0. 12 are shown in Fig. 13 . The 

rate sens itivity exhibited the comroon rise with increasing temperature 

to a maximum at about 250 K. However, rather than continuing to decrease 

with increasing temperature above the maximum, a second rise sets in 

near 350 K. 

Ductility 

Reduction of area at fracture and uniform elongation as a function 

of temperature are shown in Fig. 14. The overall trend appears to be a 

general increase in ductility with increasing temperature. It should be 

noted that the range of values reported on Fig. 14 include both the 

80 µm and 140 µm grain size data. 
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DISCUSSION 

In Figs. 15 and 16 the ultimate tensile strength and ductility, 

respectively, from previous studies (13) and the present one are sunma-

rized. In the overlapping test temperature range the ultimate tensile 

strength of the 11 purer11 scandium decreased with increasing test tempera-

ture, whereas previous results revealed an increase followed by a de-

crease with increasing test temperature. The increase in tensile strength 

in the previous scandium studies was attributed to dynamic strain 

aging (13). The ductility of the "purer" scandium, as measured by percent 

uniform elongation and reduction in area, increased with increasing test 

temperature and was greater than obtained in previous studies . 

In general, the mechanical behavior of scandium has been found to 

be comparable with other HCP heavy rare-earth metals {yttrium, erbium, 

dysprosium, gadolinium, and samarium) that have been investigated (8,9, 

10, 11, 12). Below 300 K, the strength decreases with increasing test 

temperature. However, at temperatures above 300 K humps attributed to 

dynamic strain aging were observed when the log of flow stress versus 

temperature was plotted. In yttrium (8), which has a melting temperature 

similar to that of scandium, the stress hump tended to begin at 300 K, 

whereas in scandium an upward deviation of the flow stress from single 

exponential temperature dependence tends to begin near 373 K. However, 

it is not clear that this behavior reflects the onset of a stress hump. 

It should be noted that the higher total interstitial impurity content 

of yttrium could promote the onset of dynamic strain aging at a lower 
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temperature . 

Information leading to possible defonnation mechanisms in pure met-

als can be obtained from strain-rate change tests at constant temperature. 

The most direct way of determining whether one or more rate-controlling 

mechanism is operative would be to detennine the variation of activation 

volume as a function of effective stress. If the results would fit a 

single curve, that would be a strong indication of a single rate-control-

1 ing mechanism. In addition, Conrad (14) used the activation volume 

values to identify tentatively the rate-controlling mechanism. 

The activation volume as a function of strain and stress are plot-

ted in Figs. 17 and 18, respectively. Before discussing further the main 

features of Figs. 17 and 18, it should be emphasized that the activation 

volume calculated in this work is a pseudo-activation volume because 

the Taylor factor (M) used in converting true stress to shear stress is 

not well defined for hexagonal close packed structures. A review of the 

literature revealed a range of Taylor factors varying between 2 and 6 

(15, 16, 17). In addition, the activation volume is commonly plotted 

against the effective stress. Since it was not possible to select with 

reasonable certainty an athermal region of the flow stress, the total 

stress is plotted in Fig. 18. This also could not be converted to shear 

stress because the Taylor factor is unknown. 

From Fig. 17 it can be seen that the pseudo-activation volume is 

relatively strain independent at lower temperatures, but tends to 

decrease with increasing strain at higher temperatures. The pseudo-

activation volume is plotted against the total stress for various 
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Taylor factors in Fig. 18. The activation volume was low and nearly in-

dependent of stress in the high stress region. Furthermore, the liter-

ature shows numerous examples of activation volume data for HCP metals, 

plotted against effective stress that conform closely to the shape of 

the curve obtained in this investigation. 

The observed activation volume results suggest that a single defor-

mation mechanism is operative in the range of temperatures used in this 

investigation. Furthermore, if a value of three is used for the Taylor 

factor, it can be seen that the activation volume varied from 7.0 b3 to 

62.0 b3. According to a su111nary by Conrad (15), the values of activation 

volume cited above are consistent with the following possible rate 

controlling mechanisms; overcoming the Peierls stress, cross slip, or 

overcoming impurity atoms. 

There have been numerous studies on the mechanical properties and 

rate-controlling mechanisms in zirconium (16,17) and titanium (18,19). 

These studies were conducted at high enough temperatures to determine 

an athermal stress value, i.e. the stress value at which the flow stress 

becomes nearly independent of temperature, thus determining the ther-

mal component of stress and and the deformation mechanism. In the range 

of temperatures used in this investigation the mechanical behavior of 

titanium and zirconium was very similar to that of scandium. The acti-

vation volumes obtained were independent of stress at low temperatures 

and varied from 10 b3 to 140 b3. Moreover, it was found that the ther-
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mally activated overcoming of impurity atoms was t he rate-controlling 

mechanism for defonnation in Ti and Zr. Therefore it is expected that 

in scandium the overcoming of residual impurity atoms is the rate-con-

toll ing mechanism of deformation . 
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CONCLUSION 

The stress- strain characteristics, flow stress behavior and strain 

rate sens itivity were determined for 11 pure 11 scandium over the temper-

ature range of 78 K to 473 K. The following conclusions may be extracted 

from the results of this investigation: 

(1) The overall behavior of scandium is very similar to that of 

other HCP heavy rare-earth elements that have been investigated 

by Owen and Scott (9,10,ll,12). 

(2) The strength of Sc was considerable lower and the ductility 

higher when compared to previous studies (4,6). 

(3) The flow stress was found to deviate from a single exponen-

tial temperature dependence near 373 K. However it is not 

clear whether this behavior reflects the onset of dynamic 

strain aging found in studies of HCP heavy rare-earth metals. 

(4) At low temperatures the pseudo-activation volume is inde-

pendent of strain and stress suggesting that overcoming of 

residual impurity atoms might be the rate controlling defor-

mation mechanism in scandium. 
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PART II. HYDROGEN EMBRITTLEMENT OF SCANDIUM 
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INTRODUCTION 

The presence of hydrogen in metals in excess of the terminal solid 

solubil i ty can result in the precipitation of metal hydrides . Experiments 

have shown that hydrogen embrittlement, as measured by the loss in duc-

ti li ty , can be attributed to presence of hydrides in the metal matrix (20, 

21,22 , 23,24), to stress induced hydrides (25,26,27), or to hydrogen in 

solution (28,29,30) . The large terminal solid solubility of hydrogen in 

scandi um at low temperatures, approximately 33 at% H (1, ~ 155), pro-

vides an opportunity to determine unequivocally whether hydrogen embrit-

t l ement can occur in hydride-forming metals at concentrations below the 

sol ubility limit . 

Hydrogen embritt l ement research on hexagonal close packed (HCP) 

metals has bee n confi ned primarily to titanium and zirconium (22,24,25, 

31 , 32) , because of their extensive industrial use. These metals exhibit 

high terminal hydrogen solid solubilities at elevated temperatures, but 

at 295 K the solubility is less than 0.5 at% H in both metals . Consequent-

ly hydrogen embrittlement of Zr and Ti at low temperatures has been 

attributed to stress induced hydrides or to the presence of hydrides in 

t he metal matrix. 

The scandi um-hydrogen phase diagram (l p. 158) shown in Fig. 1 shows 

that up to 33 at% H can be held in solid solution at 295 Kand that the 

sol ubi l ity increases to 39 at% Hat 1273 K. Lattice constant measurements 

of scandium-hydrogen al loys by Azarkh and Funin (33) and pressure- compo-

sition data reported by Stampfer (34) and Lieberman and Wahlbeck (35) are 
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in good agreement with each other for the Sc/Sc + ScH2 phase boundary. 

Recent electrical resistivity measurements by Jensen and Zalesky (36) on 

the scandium-hydrogen alloys employed in the present investigation have 

shown that 20 .83 at% H can be held in solid solution at 4. 2 K. 
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MATERIALS AND PROCEDURE 

The fabrication and the tensile testing procedures employed have 

been described earlier. Hydrogen charging of all samples was done ther-

mally by heating the specimens to 1023 K for 80 min under a dynamic vac-

uum of 1. 33 x 10-5 Pa to recrystallize and anneal the specimens. The 

chamber was then isolated from the vacuum system and high purity hydrogen 

from the thermal decomposition of uranium hydride was admitted at prede-

termined pressures and the closed system was held at 1023 K for an addi-

tional 40 min. Samples of a given composition were then wrapped in zir-

conium sheet and sealed in a quartz tube under vacuum for further heat 

treatment designed to insure a homogeneous hydrogen distribution. Thennal 

treatment consisted of placing the quartz tubes in a furnace maintained 

at 1130 K for 135 min before furnace cooling. Uniform hydrogen distribu-

tion was verified by hot vacuum extraction analysis of segments taken 

from each end of samples . Chemical analyses of the various scandium-hy-

drogen alloys after tensile testing are shown in Table 1. Grain size 

determina tions were performed on several samples using the intercept 

method (7). The results showed grains of varying size, with an average 

diameter of 140 µm. In addition, a sample containing hydrogen in excess 

of the solid solubility (34.6 at% H) was prepared to obtain information 

about the morphology of scandium hydride. 

The tensi l e testing temperatures employed were 78, 200, 295, 373, 
-5 -1 and 473 K. All tests were run at a strain rate of 3.33 x 10 sec . 
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Strain rate sensitivity measurements as well as tensile tests at a higher 

strain rate were conducted on scandium containing 14. 14 at% H. The strain 
-5 _, -3 -1 rates employed were 3.33 x 10 sec and 3.33 x 10 sec , whereas the 

higher strain rate employed was 3.33 x 10-2 sec-l 

Samples were cut from the grip section of the hydrogen charged ten-

sile specimens after tensile testing and were rrounted in copper blocks 

for visual hydride precipitation determination at low temperatures. Me-

tallographic examinaton was done on the inverted stage microscope de-

scribed by Sherman et al. (30). 

Tabl e 1. Interstitial solute content of tensile samplesa, ppm by weight 

Samples Hydrogen Oxygen Nitrogen Remarks 

As worked 48±8 140±52 7±4 20 samples 
MZ-Sc A 486±22 180±37 18±8 5 samples 
MZ-Sc B 2160±114 196±37 26±4 5 samples 
MZ-Sc E 3678±192 208±84 56±16 13 samples 
MZ-Sc C 4660±102 234±91 108±77 5 samples 
MZ- Sc D 5863±277 547±85 485±124 5 samples 

aAnalyzed after testing . H, 0, and N by vacuum fusion . 
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EXPERIMENTAL RESULTS 

True stress-true strain curves at 78 K, 295 K, and 473 K for all 

hydrogen concentrations employed are shown in Figs. 2 through 4, respec-

tively . These curves are plotted to maximum load; however, the amount of 

unloading preceding fracture was minimal in most instances. Exceptions 

to this load-elongation behavior occurred in alloys containing 17.27 

and 20.83 at% H tested at 473 K as shown in Fig. 5 by the extensive elon-

gation beyond maximum load. 

Although the addition of 2.12 at% H decreased the strength of scan-

dium in the range of test temperatures used, the yielding characteristics 

remained similar to those of scandium. However, strengthening occurred at 

higher hydrogen concentrations. From the insert in Fig. 3, it can be 

seen that scandium containing 20.83 at% H exhibited a large yield drop. 

The temperature and concentration dependence of well defined yield drops 

are illustrated in Fig . 6 where the open circles reflect the absence and 

solid circles the presence of a yield drop. At temperatures below 473 K 

the onset of yielding is strongly temperature and concentration depen-

dent. 

The strain hardening exponents obtained from the slopes of the higher 

strain (£>0.02) region of the log true stress versus log true strain 

plots shown in Figs. 7 through 9, are summarized in Fig. 10 where the 

curves delineate the upper and lower bounds of the data. Two features of 

strain hardening behavior can be noted. At test temperatures below 295 K, 

the strain hardening rate is increased by hydrogen additions and a sharp 
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drop occurs between 200 K and 295 K. It is not clear that a significant 

decrease in strain hardening occurs in the pure scandium but, when 

hydrogen is added to the metal, the decrease is evident. 

The ductility of scandium was found to be dependent on temperature 

and hydrogen content. Uniform elongation and reduction of area as a func-

tion of temperature are shown in Figs. 11 and 12 for all hydrogen con-

centrations employed. From the ductility-temperature curves it can be 

seen that, for the two lowest hydrogen bearing alloys, hydrogen did not 

lower the ductility. However, with the addition of 14 . 14 at% Hand 

higher, scandium exhibits a ductile-to-brittle transition which is shifted 

to higher temperatures with increasing hydrogen content. These trends 

are demonstrated especially by the reduction of area in Fig. 12. 

Fracture surfaces were examined by Scaning Electron Microscopy 

(SEM) and sectional specimens by optical microscopy. Fig. 13 shows SEM 

fractographs of samples containing 2.12, 8.80, 17.27, and 20.83 at% H 

which were tested at 295 K. It can be seen that the fracture mode 

changed from shear to cleavage. The fracture surface of scandium con-

taining 2. 12 at% H exhibited a limited number of voids characteristic 

of a ductile fracture. The fracture of scandium containing 20.83 at% H 

was planar and transgranular with a large number of transgranular cracks. 

Examination of the internal section of unhydrogenated scandium 

revealed that voids were formed at all test temperatures, and that near 

t he fracture surface the density of voids increased. However in the 

scandium-hydrogen alloys that were tested at temperatures above the 

ductile- to-brittle transition the number of voids decreased as function 
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Fig . 13. SEM fractographs of scandium containing 2.12, 8.80, 17.27, and 
20.83 at % H and tested at 295 K. The fracture of scandium 
containing 2.12 at% H (a) was by shear, whereas the fracture 
of scandium containing 20.83 at% H (d) was by cleavage . Note 
the large number of cracks in (d) 



56 

2.12 at 0/o H 
( a ) 240X 8.80 at0/o H { b) 250X 

17.27 at 0/o H 225X 20.83 at 0/o H 225X 
( c) ( d) 



57 

17.27 at 0/o H IOOX 

200 K 

Fig. 14 . Photomicrograph of scandium containing 17 .27 at% Hand 
te sted at 200 K. The tensile axis is vertical and the 
arrows point to secondary cracks near the fracture surface. 
(As electropolished in 6% perchloric acid 94% methanol at 
200 K, pola rized li ght) 



58 

of increasing hydrogen content. In addition, scandium alloys which ex-

hibited a ductile-to-brittle transition revealed cracks near the fracture 

surface as well as internal cracks when tested below the ductile-to-

brittle transition. The cracks propagated transgranularly as shown in 

Fig 14. 

Additional tensile tests were conducted on scandium containing 
-2 -1 14 . 14 at% Hat a strain rate of 3.33 x 10 sec to assess the effect 

of strain rate on the ductile-to-brittle transition. From Fig. 15 where 

the reduction of area versus temperature of samples tested at strain 
-5 -1 -2 -1 rates of 3.33 x 10 sec and 3.33 x 10 sec is shown, it can be 

seen that the higher strain rate increased the ductile-to-brittle tran-

sition only by about 25 K. 

Hydrogen in excess of the solid solubility limit in scandium revealed 

that the hydride phase was acicular in nature as shown in Fig. 16. Low 

temperature optical microscopy of the grip section of the hydrided ten-

sile specimens revealed that no hydride precipitation occurred below 

295 K. This observation corroborates the earlier results obtained by 

resistivity. From low temperature optical microscopy of the sample shown 

in Fig. 16, it was found that precipitation of additional hydrides did 

not occur, even after holding for four hours at 78 K. 

The flow stress of scandium- hydrogen alloys containing 0.20, 2.12, 

8.80, 14 . 14, and 20.83 at% H is plotted as a function of temperature in 

Figs. 17 through 21 respectively. Corresponding log flow stress versus 

temperature plots are shown in Figs. 22 through 26. The latter plots tend 

to divide the temperature dependence of the flow stress of hydrogen-
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charged scandium into three regions. The onset of the three regions is 

initially observed at 2. 12 at% H and they are temperature and strain 

dependent as shown in Fig. 23. However at higher hydrogen concentrations, 

the three regions are no longer strain dependent and are best illus-

trated in Fig. 24, where the temperatures at which changes in slope occur 

are 175 Kand 310 K. The most interesting feature of Figs. 22 through 26 

is the change in slope of the second region, i.e. the region between 175 K 

and 310 K, as the hydrogen content is increased. The hydrogen induced 

changes in the flow stress behavior of scandium is associated with low 

temperature strengthening. A comparison of low temperature stress values 

at a given strain indicate that scandium is solution strengthened when 

the hydrogen content is above 2.12 at% . In addition the rapid decline 

in log flow stress between 175 K and 310 K correlates with the decrease 

in strain-hardening exponent in Fig. 10. 

From Fig. 27 where the yield strength versus temperature is plotted 

for all hydrogen levels, it can be seen that, at 78 K, scandium is slight-

ly solution softened by 2.12 at% H, whereas the addition of 8.80 at% H 

and 14.14 at% H cause substantial solution strengthening. If the 17.27 

and 20.83 at% H curves are extrapolated to 78 K they also show solution 

strengthening, but not to the extent exhibited by the 14.14 at% Hydrogen 

alloy. In other words, solution strengthening appears to peak near 

14.14 at% H. As the test temperature is increased there is a steep drop 

in yield strength up to 300 K. Above 300 K the yield strength continues 

to decrease as a function of increasing temperature but at a smaller 
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rate compared to the temperature range of 78 K and 300 K. In fact, 

st rengthening due to hydrogen in solid solution diminishes at 373 K, 

and at 473 K the yield strength of all scandium-hydrogen alloys, except 

for 14 .1 4 at% H, was lower than pure scandium. The yield strength of 

scandium containing 14 .14 at% H appears to reach a plateau region at 

t es t temperatures greater than 295 K. 

The variation of the strain rate sensitivity and pseudo-activation 

vol ume as a function of strain for scandium containing 14.14 at% Hare 

shown in Figs . 28 and 29. In this investigation a pseudo-activation 

volume is used because the Taylor factor (M) or orientation factor used 

fo r converting true tensile stress to shear stress is not known for 

scandi um. Tbe strain rate sensi t ivity was found to peak at 295 K and to 

be s t r ain dependent . The pseudo- activation volume was found to be strain 

independent from 200 K to 373 K, however at 473 K it decreased as func -

tion of increas i ng temperature . 
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DISCUSSION 

The detrimental effects of hydrogen in solid solution or in the form 

of a precipitated hydride phase on the mechanical properties of metals, 

especially on plastic strain to failure and toughness, is an area of 

primary importance. It is an accepted fact, that in hydride forming sys-

tems, the hydride phase has a much lower ductility than the pure metal 

matrix and thus, the loss in ductility has been usually attributed to the 

presence of a brittle hydride phase which precipitated from solid solu-

tion upon cooling or was stress induced. While there is no doubt that 

the hydride phase will fracture at lower strains (stresses) than the 

matrix, any fracture model must include the fracture of the matrix rather 

than the hydride. A fracture process entirely dependent on the hydride 

phase can only be envisioned if massive hydrides are present throughout 

the metal matrix, thus providing a continous path for the propagation of 

cracks. 

Sherman et al. (30) have addressed themselves to the critical ques-

tion as to whether the precipitation of the hydride phase was the con-

trol ling step in the embrittlement of vanadium. Their findings indicate 

that the hydride phase, either precipitated upon cooling or stress 

induced, was not solely responsible for the loss in ductility and that 

hydrogen in solid solution must somehow reduce the surface energy and 

thereby the associated binding energy or cohesion of vanadium. 

Hydrogen embrittlement of the hexagonal close packed metals zir-

conium and titanium has been investigated by several authors (22,24,25, 
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31,32) . The majority of the evidence suggests that the fracture proper-

ties are determined primarily by the behavior of precipitated hydrides. 

Westlake's study on Zr (24) revealed that embri ttlement as measured by 

loss in reduction of area can be attributed to cracking of precipitated 

hydrides in a ductile matrix. However, it should be noted that the critical 

step in the fracture process was not the nucleation of cracks, but the 

propagation of nucleated cracks in a "ductile" matrix. Similar behavior 

has been observed in titanium. Furthermore, Beevers and Edmonds (32) 

have shown that increasing the oxygen content in Ti resulted in enhanced 

embrittlement at a given hydrogen content. Thus, it has not been possi-

ble to determine whether hydrogen in solid solution can in fact embrittle 

HCP metals because of the very low solid solubilities of hydrogen at 

low temperatures and because of the effect of interstitial or substi-

tutional impurities on the mechanical properties of hydrogenated Zr or Ti . 

In contrast, this investigation revealed that scandium can be embrit-

tled by the addition of 14. 14 at% Hat room temperature (295 K), and 

that the ductility as measured by percent unifonn elongation and reduc-

tion of area is a strong function of hydrogen content and temperature. 

Additions of up to 8.80 at% H had small effects on the ductility param-

eters when compared to unhydrogenated scandium. Examination of the 

surfaces of the 8.80 at% hydrogen alloy revealed that the fracture at 

all temperatures was by shear and that no cracks were fanned during 

deformation. However, with the addition of 14. 14 at% H, embrittlement 

was observed as revealed by the fracture surface and the onset of a 
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ductile-to-brittle transition. Increasing the hydrogen content even 

further as well as the strain rate caused the ductile-to-brittle tran-

sition to shift to higher temperatures as shown in Figs. 12 and 15. The 

fracture surfaces of samples that failed in the brittle region revealed 

that the macroscopic fracture mode was cleavage. Optical microscopy of 

sectioned specimens showed transgranular fracture and a number of 

transgranular secondary cracks, the density of which increased as the 

fracture surface was approached. Cracks did not appear to nucleate 

preferentially at grain boundaries or twins. 

From the phase diagram shown in Fig. l the hydrogen solid solubility 

limit of scandium at room temperature is approximately 33 at%. Even 

though this value was extrapolated from high temperature pressure-compo-

sition data (34,35), it is in good agreement with room temperature X-Ray 

studies done by Azarkh and Funin (33), who reported that 30 at% H is the 

solubility limit at room temperature. Furthermore, a number of techniques 

are available to determine the solvus curve at subambient temperatures 

such as resistivity measurements and optical metallography to name a few. 

Westlake (37) used resistivity measurements to determine the vanadium-rich 

end of the V-H system whereas Sherman et al. (30) used metallographic 

techniques. The results were in excellent agreement. In a recent study of 

the zirconium-hydrogen system, Cann and Atrens (38) used metallographic 

techniques to determine the solvus curve at low temperatures. Jensen and 

Zalesky (36) in a resistivity study of the scandium-hydrogen alloys em-

ployed in the present investigation have shown that hydrides were not 
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fonned upon cooling to 4.2 K. Additional evidence for the absence of a 

hydride precipitation was found from metallographic examination at 

subambient temperatures of the hydrogen charged specimens. It is also be-

lieved that hydrides could not have been stress i nduced in scandium, 

because Beardsley's study (39) on vanadium hydrides revealed that the 

hydride phase cannot be stress induced to precipitate above its stress-

free precipitation temperature, i.e. above the solvus curve. Therefore, 

it must be concluded that hydrogen embri ttlement of scandium was in fact 

caused by hydrogen dissolved in solid solution. 

The addition of hydrogen produced a number of interesting features, 

in some cases unexpected, on the strength and flow stress behavior of 

scandium. With the initial addition of 2. 12 at% H, solution softening 

was observed at all test temperatures. "Solution softening" implies that 

the strength is decreased by alloying with either interstitial or sub-

stitutional elements. There are three solution softening theories; (1 ) a 

localized reduction of the Peierls-Naborr6 stress, (2) changes in the 

mobile dislocation density, and (3) a scavenging mechanism. Studies 

by Gibala and co-workers (40,41,42) on body centered cubic metals re-

vealed that the scavenging mechanism is consistent with their results. 

The scavenging mechanism is explained in tenns of the association be-

tween substitutional and interstitial solutes and between interstitials 

of the same or different types in solid solution to form clusters. The 

fonnation of clusters could reduce the total number of obstacles to 

di slocation motion. 



80 

The onset of an upper and lower yield point was observed with the 

addition of 8. 80 at% H at 78 K, indicating that hydrogen could be pinning 

dislocations. From the temperature-concentration curve shown in Fig . 6 

it can be seen that as the hydrogen content i n scandium is increased the 

temperature range over which yield points are induced increases . 

One of the more interesting results of this investigation was found 

when log flow stress was plotted versus temperature for various scandium-

hydrogen alloys. It was observed that the data were divided into three 

regions as shown in Figs. 23 through 27 . However, the temperature de-

pendence of the flow stress does not correlate with the embrittlement of 

scandium at concentrations hiqher than 8.80 at% H. For example, although 

the rapid increase in flow stress of the 14 . 14 at% H material below 

295 K tends to correlate with the ductile-to-brittle transition temper-

ature range , the 20 .83 at% H material has a ductile-to-brittle transi-

tion temperature above 400 K but the flow stress rise occurs below 295 K. 

Consequently, the appearance of three regions in the log flow stress-

temperature behavior does not explain embrittlement but is apparently 

a reflection of the effect of hydrogen on the deformation modes or 

strengthening. 

From Fig . 30 where the yield strength is plotted as a function of 

concentration for all temperatures employed, it can be seen that the 

degree of strengthening due to hydrogen in solid solution is temperature 

dependent. When one compares the strengthening of scandium containing 

0.20 at% H to scandium containing 14.1 4 at% Has a function of de-

creasing temperature, there is a pronounced difference at temperatures 
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below 295 K. Furthennore, there appears to be three regions of strength-

ening namely, (1) potent strengthening at temperatures of 200 Kand 

below, (2) gradual strengthening in the temperature range of 373 K and 

200 K, and (3) small arrount of strengthening at temperatures of 373 K 

and higher. Therefore, it appears that the onset of the three regions when 

log flow stress versus temperature is plotted is a direct result of low 

temperature strengthening . 

The two most corrrnonly used strengthening models are, (1) that of 

Flei scher (43) who predicted that the stress should be proportional to 

the square root of the solute concentrat ion and (2) that of Labusch (44) 

who predicted that the stress should be proportional to the two-thirds 

power of the solute concentration. Attempts were made to fit the limited 

number of data points available to these models. The results indicate 

that, at temperatures below 295 K neither model fits the data . On the 

other hand, at temperatures of 295 Kand higher the data plotted equal ly 

linearly versus concentration to the one- half or two-thirds power. There-

fore no conclusion can be reached about a particular strengthening model 

at this point. Comparison of the results obtained in this study with 

other hexagonal close packed metals, such as Zr and Ti, have not been 

made because strengthening in these metals is complicated by the fact 

that hydrogen precipitates at subambient temperatures as hydrides. Hence, 

the tensile properties of Zr and Ti hydrogen alloys are due to a combi-

nation of precipitation hardening and solution strengthening rather than 

simple solution hardening. 

The pseudo-acti vation volume for scandium containing 14. 14 at% H 
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as calculated from strain rate changes at a given temperature is plotted 

versus stress in Fig. 31. The pseudo-activation volume data for 11 pure 11 

scandium (0.20 at% H) is also included in Fig. 31. The two curves are 

very similar and at high stresses (low temperatures) the 11 pure 11 scandium 

pseudo-activation volumes tend to approach the 14. 14 at% H curve. The 

pseudo-activation volumes for 14. 14 at% H were nearly independent of 

stress at higher stresses but increased rapidly with stress at low 

stresses. The nearly stress independent portion of the 14.14 at% H 

curve indicates that at low temperatures there is not sufficient thermal 

energy for dislocations to overcome hydrogen atoms. At higher temperatures 

the dislocations may still be pinned, however there is enough thermal 

energy to overcome pinning resulting in a stress-dependent pseudo-acti-

vation curve. This result coupled with the fact that hydrogen caused 

considerable strengthening and induced concentration-dependent yield 

points permits the conclusion that; hardening is attributable to the 

interaction between hydrogen atoms and dislocations. 
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SUMMARY AND CONCLUSION 

The main reason for conducting this investigation was to determine 

whether scandium, a hydride forming metal, can be embrittled by hydro-

gen disolved in solid solution. It was demonstrated that embrittlement 

or severe loss in ductility was observed with the addition of 14.14 at% H 

at 78 K and that at room temperature (295 K) embrittlement occurred 

with the addition of 20.83 at% H. Subambient resistivity measurements 

and metallographic results revealed no evidence of precipitated scandium 

hydrides in the range of test temperatures used in this investigation. 

Therefore the embrittlement of hydrogen charged scandium is due to hy-

drogen in solid solution. 

In addition it was found that hydrogen strengthened scandium sub-

stantially at low temperatures and produced discontinuous yielding over 

a temperature range which was concentration dependent. The yield strength 

data in the concentration range of 2.12 to 14.14 at% Hand at tempera-

tures greater than 295 K plotted equally well to hardening models pro-

posed by Labusch and Fleischer, whereas at temperatures below 295 K the 

data did not follow either model. 
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